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Tensile ductility behaviour of fine-grained alumina
at elevated temperature
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High-temperature tensile ductility behaviour of polycrystalline fine-grained alumina is
shown to be classified into four regimes, depending on flow stress: (1) fast-crack growth
regime, (2) single-crack growth regime, (3) microcracks growth regime, and (4) superplastic-
crack growth regime, in the order of decreasing flow stress. The unique tensile ductility
behaviour observed for each fracture regime is related to the type of damage accumulation.
A fracture mechanics model is applied to interpret the tensile ductility of alumina in the
superplastic-crack growth regime. The model correctly predicts the observed linear decrease
in the true fracture strain with an increase in the logarithm of flow stress. In addition,
the model is in quantitative agreement with the increase in the true fracture strain with
decreasing grain size when compared at a given stress. The enhancement of tensile ductility
in alumina by dilute MgO additions is attributed to an increase in the surface energy
and/or decrease in the grain-boundary energy which resists the fracture process. On the
other hand, the enhancement of tensile ductility in alumina by addition of a second phase of
zirconia is attributed to an increase in the amount of alumina—zirconia grain boundaries
which have a low grain-boundary energy.  1998 Chapman & Hall
1. Introduction gations (as high as 120%) when alumina contains

Studies on the creep behaviour of alumina are exten-
sive [1—4]. Diffusional creep, grain-boundary sliding
and dislocation glide and climb have been considered
as mechanisms that control plastic flow in alumina at
elevated temperature [3—5]. Studies on the tensile
ductility behaviour of alumina, on the other hand,
have been limited. It is only in recent years that this
property has been explored in some detail. These
studies have centred on fracture strain evaluation by
flexure or by uniaxial tension tests.

Dalgleish et al. [6] in 1985, performed a number
of flexure tests on an alumina material containing
0.25 wt% MgO in solid solution, with a grain size of
4 lm, in the temperature range, 1250—1300 °C. They
showed that the flexural ductility is a function of
stress, increasing with a decrease in stress. They identi-
fied two regimes of fracture behaviour: a slow-crack
growth regime at high stresses and a creep-damage
regime at low stresses. A maximum flexural ductility
of 18% was observed. Gruffel et al. [7] in 1988, per-
formed tension tests 1450 °C on several alumina ma-
terials containing small amounts of MgO plus other
additives such as Y

2
O

3
and Cr

2
O

3
. They observed

tensile ductility values as high as 65%. In 1989, Wakai
and co-workers [8, 9] showed very high tensile elon-

0022—2461 ( 1998 Chapman & Hall
a second phase of yttria-stabilized zirconia. The
authors considered that grain-boundary sliding was
a principal mechanism of deformation. Wilkinson
et al. [10, 11], in 1991, conducted flexure and tension
tests on alumina materials containing small amounts
of MgO and Y

2
O

3
in solid solution, with grain sizes in

the range of 1—1.6 lm, at temperatures ranging from
1150—1250 °C. The authors concluded that flexure
studies did not yield true tensile fracture strain behav-
iour because of the stress gradient in flexure tests. In
addition, Wilkinson et al. identified three different
fracture regimes based on observations of damage
characteristics: (1) a slow-crack growth regime at high
stresses (2) a microcracks growth regime at intermedi-
ate stresses and (3) a damage-tolerance regime at low
stresses. Tensile elongations ranging from 1%—27%
were observed. Yoshizawa and Sakuma [12, 13], in
1992 and 1994, carried out tension tests on an alumina
material containing 0.1 wt% MgO with a grain size of
0.8 lm. Their tests were conducted at high temper-
atures, between 1300 and 1550 °C, and large tensile
elongations in the order of 80% were observed. The
authors showed that dilutely alloyed alumina, con-
taining MgO, was more ductile than pure alumina.
This difference was explained by an inhibition of grain
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growth during deformation from the presence of modulus, as well as to the difference in the surface and

MgO.

It is the purpose of this paper to compare all the
high-temperature fracture strain data for fine-grained
alumina materials and to establish a unified view of
their tensile ductility behaviour as a function of flow
stress. The objective of such a study is to understand
better the tensile ductility behaviour of alumina as
well as other fine-grained ceramics.

2. Tensile ductility of polycrystalline
ceramics compared with alumina

It has been shown that the tensile ductility of super-
plastic ceramics is a strong function of the flow stress
at elevated temperature, increasing with a decrease in
the flow stress [14, 15]. Specifically, a linear correla-
tion was found between the true fracture strain, e

&
, and

the logarithm of flow stress, r, for a number of super-
plastic ceramics in the temperature and stress range
where the strain-rate sensitivity exponent, m, is high
(m*0.5 in the flow stress, r, and strain rate, e5 , rela-
tion r"ke5 m).

Fig. 1 shows the linear correlation between true
fracture strain and logarithm of flow stress for various
superplastic ceramics reported to date, excluding
alumina. The data were obtained from the literature
[15—30]. It can be noted from the plot that all the
different ceramic materials exhibit a similar value of
the slope. This slope is related to the rate of damage
accumulation as a function of plastic strain from the
common deformation mechanism of grain-boundary
sliding [14, 15]. The difference in tensile ductility at
a given flow stress for the various ceramic materials
has been attributed to differences in grain size, elastic
grain-boundary energies [14, 15].
Fig. 2 is a similar correlation to that shown in Fig. 1

for various alumina materials. In the plot, four re-
gimes are identified depending on flow stress. These
regimes can be summarized as follows.

At very high stresses, Regime I, no plastic straining
is predicted and classical fracture mechanics theory is
applicable. In Regime II, very low plastic strains are
observed, typically less than 1%, and this regime is
related to failure driven by growth of a single crack. In
Regime III, the fracture strain is seen to be insensitive
to the flow stress with tensile elongations in the order
of 10%. Finally, in Regime IV, the low-stress range,
the fracture strain is seen to be a strong function of
flow stress, with a slope essentially equal to the slopes
observed in fine-grained superplastic ceramics as
shown in Fig. 1.

The data shown in Fig. 2 are for alumina contain-
ing various dilute solid solution additions as well as, in
three cases, alumina containing various amounts of
a second phase (yttria-stabilized zirconia). Table I lists
the composition of the alumina materials evaluated,
and includes the grain size, temperature, methods of
testing, true fracture strain and the symbols used to
describe the data in Fig. 2. The alumina materials,
listed in Table I, are divided into four groups. The first
group (A) consists of alumina materials with a small
amount of MgO (200—500 p.p.m.). The second group
(B) consists of alumina materials with a substantial
amount of MgO (0.1—0.3 wt%). The third group (C)
consists of alumina as well as alumina containing
7.3 wt % yttria-stabilized zirconia (3Y-TZP); the
alumina, in both cases, is in a highly pure state. The
fourth group consists of two alumina composites with
18—22 wt% yttria stabilized zirconia (3Y-TZP).
Figure 1 Influence of low stress on the true fracture strain for fine-grained polycrystalline ceramics in the temperature range where the
strain-rate sensitivity exponent, m, is high (m*0.5). 1, Y-TZP (1350—1550 °C)[16—20]. 2, Y-TZP#20 wt% Al

2
O

3
(1350—1500 °C)[21]. 3,

Y-TZP#40wt% Al
2
O

3
(1450—1550 °C)[9]. 4, Y-TZP#60wt% Al

2
O

3
(1450—1550 °C)[9]. 5, Y-TZP#80wt% Al

2
O

3
(1450—1550 °C)[9].

6, PbTiO
3

(950—1150 °C)[22]. 7, b—spodumene glass (1100—1150 °C)[23]. 8, Si
3
N

4
/SiC (1600 °C)[24]. 9, 3Mn—2.6Y—TZP [25].

10, Hydroxyapatite (1000—1100 °C)[26]. 11, 2Y-TZP (1450 °C)[27]. 12, b—SiAlON (1550 °C)[28]. 13, Al
2
O

3
—Y

2
O

3
—Si

3
N

4
/SiC

(1575—1650 °C)[29]. 14, 0.1wt% MgO—Al
2
O

3
(1300—1450 °C)[12, 13]. 15, Fe

3
C#20Fe (725—1050 °C)[30]. 16, Fe

3
AlC

0.5
#10FeAl

(950—1250 °C)[31].
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Figure 2 Influence of flow stress on the true fracture strain for fine-grained alumina. For key, see Table I.
The following section discusses the tensile ductility values of c
4

and c
'"

for commercially pure alumina

behaviour of these alumina materials in detail. All the
fine-grained alumina materials were observed to ex-
hibit a high strain-rate sensitivity exponent, &0.5, in
the temperature and stress ranges where the flexure or
tension tests were conducted.

3. Discussion
3.1. Influence of stress on tensile ductility of

fine-grained alumina
It is generally accepted that fine-grained alumina ma-
terials fracture in a brittle manner without neck
formation. It is, therefore, important to consider cavi-
tation and crack nucleation and propagation in order
to understand the fracture strain results for fine-
grained alumina materials. This cavitation and crack
behaviour is believed to be related to the flow stress
and will be discussed in the following sections.

3.1.1. Fast-fracture regime (Regime I)
When an applied stress is such that a stress intensity
factor, K, is equal to or larger than the critical stress
intensity factor, K

#
, fracture occurs instantaneously

upon loading [32]. This is the case for fast fracture.
The fracture stress, r

&
, for the beginning of fast

fracture can be determined from the relation;
r
&
"K

#
/(pc*)1@2 where c* is the largest crack size. The

critical stress for fast fracture can be calculated if K
#
at

elevated temperatures is known and the critical pre-
existing crack size is known. This allows prediction of
the boundary between Regime I and Regime II shown
in Fig. 2. No experimental studies have been made to
confirm the predicted bound. The critical stress inten-
sity factor for alumina, K

#
, can be obtained by using

the Gilman relation for K
#
, which is for fracture

driven by an intergranular crack [33]. The Gilman
relation for K

#
is given by the following equation

K
#
" [(2c

4
!c

'"
)E]1@2 (1)

where E is Young’s modulus, and c
4

and c
'"

are
surface and grain-boundary energies, respectively. The
were measured as a function of temperature by
Nikolopoulos [34] using a multiphase equilibrium
method. The values of c

4
and c

'"
are 1.37 and

0.93 Jm~2, respectively, at a temperature of 1250 °C.
Young’s modulus for alumina at 1250 °C is
2.3]105 MPa [35]. Thus, the value of K

#
calculated

by this method is 0.65 MN m~3@2. The value of C* was
selected as 1 lm, based on the typical grain size
studied by all investigators (Table I) on the commonly
used assumption that the critical crack size is equal to
the grain size. This calculation leads to r

&
"364 MPa

and was to set the boundary between Regime I and II
shown in Fig. 2.

3.1.2. Single-crack growth regime
(Regime II)

In Regime II, the largest pre-existing crack grows
rapidly to the critical size before general plastic defor-
mation occurs. Crack growth is controlled by nuclea-
tion and growth of cavities in the zone ahead of the
crack tip where high elastic stresses are concentrated.
The cavities are only observed ahead of the largest
crack. Models for this process [36—38] have been well
established and predict that crack growth is related
to a deformation time, t, a stress intensity factor, K,
and a diffusion rate, D. Typically, only small fracture
strains, less than 1% elongation, are observed in
Regime II.

3.1.3. Microcracks growth regime
(Regime III)

At intermediate stresses, a number of microcracks and
cavities are observed. Microcracks remain sharp as
they grow and most cavities are flat or crack-like
[10, 11]. Failure in this regime involves the growth
and linkage of microcracks and cavities. The creation
of new cavities and cracks is a result of stress relax-
ation at pre-existing cracks. This is because the mater-
ial deforms slowly under the lower stresses in Regime
III compared to the stresses in Regime II. This stress
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TABLE I Tensile and flexural ductility of various alumina materials investigated at elevated temperatures
Materials Reference Grain size Temperature True fracture
(T, tension; F, flexure) (lm) (°C) strain (e

&
)

Al
2
O

3
#additives or second phase

A: Alumina containing a small amount of MgO

Symbol: s@? (T) Gruffel et al. [7] 0.77—1.5 1450 0.3—0.45
500 p.p.m. MgO

Symbol: m (T) Gruffel et al. [7] 0.66 1450 0.5
500 p.p.m. MgO#500 p.p.m.
Y

2
O

3
Symbol: e (T) Gruffel et al. [7] 0.83 1450 0.44
500 p.p.m. MgO#1 wt% Cr

2
O

3
Symbol: d (T) d (F) Robertson et al. [11] 1 1250 (0.25
200 p.p.m. MgO#800 p.p.m.
Y

2
O

3
B: Alumina containing a large amoung of MgO

Symbol: h (F) Dalgleish et al. [6] 4 1250—1300 (0.2
0.25 wt% MgO

Symbol: ¨ (F) Robertson et al. [11] 1.6 1150 (0.2
0.3 wt% MgO

Symbol: h (T) Yoshizawa et al. [12, 13] 0.8 1300—1450 0.3—0.55
0.1 wt% MgO

C: Pure alumina and alumina composite

Symbol: (T) Yoshizawa et al. [12, 13] 0.9 1300—1450 0.15—0.2
Pure

Symbol: > (T) Kuroishi et al. [8] 0.77—0.94 1450 0.3—0.4
7.3 wt% Y-ZrO

2
D: Alumina/yttria-stabilized zirconia (Y-ZrO

2
) composite

Symbol: j (T) Wakai et al. [8] 1 1450—1550 0.4—0.8
20 wt% Y-ZrO

2

Symbol: U (T) Kuroishi et al. [8] 0.66—0.86 1450 0.6—0.7
18—22 wt% Y-ZrO

2

relaxation decreases the rate of growth of the largest damage can be tolerated before final fracture occurs.

pre-existing cracks and allows for the nucleation and
growth of other new microcracks and cavities. Gen-
eral plastic flow can occur probably involving both
slip and grain-boundary sliding. Tensile elongations in
Regime III are typically 6%—13%, and appear to be
insensitive to the flow stress (Fig. 2). No mechanistic
explanations have been proposed for this trend be-
tween e

&
and r. It is similar to the Monkman—Grant

phenomenological relation for creep of metallic ma-
terials where e

&
is shown to be constant independent

of stress [39]. It is proposed that the tensile ductility
in Regime III is controlled by contributions from
two competing mechanisms. These are: single-crack
growth of the type described in Regime II and of
superplastic-crack growth of the type to be described
in Regime IV.

3.1.4. Superplastic-crack growth regime
(Regime IV)

The large elongations observed in Regime IV are
a result of the high degree of blunting of cavities
and cracks occurring in a highly relaxed material
[7, 10, 11, 15]. This blunting of cracks and cavities will
significantly retard crack and cavity interlinkage pro-
cesses. Cavities are fully relaxed, and spherical-shaped
cavities are frequently observed. Thus, a high extent of
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Damage will occur through grain-boundary sliding
which is believed to be the principal deformation
mechanism in fine-grained superplastic ceramic ma-
terials. Plastic straining during grain-boundary sliding
will lead to cavity nucleation and growth. This is
because cavities will nucleate at stress concentration
areas such as triple points of grains or grain-boundary
ledges where grain-boundary sliding is impeded.

Kim et al. developed a fracture mechanics model
based on the above concept [14]. They assumed that
crack growth is driven by plastic strain, e, according to
C"C

0
exp(qe). In this relation, C is the crack size, C

0
is the initial crack size which is related to the grain
size, and q is a material constant that determines the
crack-growth rate during plastic strain. The fracture
strain equation developed based on this crack-growth
equation, together with a brittle fracture criterion (the
critical stress intensity factor, K

#
), led to the following

fracture strain relation

e
&
" lnA

K
#

pd
r~2B

1@q
(2)

where d is the grain size. Equation 2 predicts a unique
relation between the true fracture strain, e

&
, and the

flow stress for a given grain size. Analyses of all
data for fine-grained superplastic ceramics yield an



approximately constant value of q equal to 7* as can

be seen in Figs 1 and 2. The same approximate value
of q for all superplastic ceramics indicates that q is
probably related to fracture driven by the specific
deformation mechanism of grain-boundary sliding.

The following observation can be noted regarding
the tensile ductility data obtained in Regime IV. The
fracture strain values observed by Yoshizawa and
Sakuma [12] for pure alumina are considerably less
than those observed by Kuroishi et al. [8] for pure
alumina containing 7.3 wt % yttria-stabilized zirconia
(3Y-TZP), even when compared at a comparable
stress (Fig. 2). Both materials have about the same
initial grain size. The reason for this difference is that
large grain growth occurs in pure alumina during
plastic deformation [12], leading to lower fracture
strains than expected as a result of the coarser grain
size. In the case of pure alumina with the second phase
of Y-TZP, however, little grain growth is expected
during plastic deformation, and hence high tensile
ductility should be obtained. These results are in
agreement with the predictions as given by Equation
2. The unexpected low fracture strain observed at low
stresses for an alumina containing 0.1 wt % MgO may
also be attributed to the large grain growth that occur-
red during deformation [12].

As a final point, it should be noted that the highest
fracture-strain datum point of Robertson et al. [11], in
material group A, was classified as being in the ‘‘dam-
age tolerance’’ regime according to the same authors.
This singular point, however, is well correlated with
the data points in Gruffel et al. [7] with a similar grain
size in the same material group A, following the pre-
dicted slope as given by Equation 2. This correlation
indicates that the ‘‘damage tolerance’’ regime is identi-
cal to the ‘‘superplastic-crack growth’’ regime as clas-
sified in this paper.

3.2. Factors influencing tensile ductility of
alumina at a given stress

As can be seen in Fig. 2, large differences in tensile
ductility are obtained in Regime IV depending on the
specific alumina material studied. This figure also
includes data for alumina containing 40 wt% Y-
TZP taken from Wakai et al. [9]. The differences in
tensile ductility observed can be explained through an
understanding of the factors controlling fracture in
polycrystalline ceramics as viewed from the fracture
mechanics model, Equation 2. Because the grain size is
a variable which strongly influences the tensile ductil-
ity, it was decided to plot the data in Regime IV as
a function of grain size. The results are shown in Fig. 3
where e

&
is plotted as a function of the logarithm of

grain size. Excellent agreement between experimental
data and Equation 2 was found for alumina contain-
ing a small amount of MgO, where the grain sizes vary
from 0.66—1.5 lm as can be seen with the lowest curve
in the figure. That is, the predicted slope based in
Equation 2 is nearly equal to the experimentally ob-
* The value of q reported by Kim et al. [14], as 4, is not correct. It w
Figure 3 Influence of grain size on the true fracture strain for fine-
grained alumina at a given flow stress, 20 MPa. For key; see Table I.

served slope. Although the data in Fig. 3 indicate
a good correlation between the fracture strain and
grain size for dilutely alloyed alumina, other factors
are seen to contribute to the fracture strain. Thus, the
tensile ductility, at a given grain size, is seen to in-
crease with solid solution additions of MgO and with
large additions of the second-phase zirconia. This dif-
ference in tensile ductility between various alumina
material groups can be mainly attributed to the differ-
ence in the critical stress intensity factor, K

#
, accord-

ing to Equation 2. Thus, it can be concluded that the
value of K

#
of alumina increases with increasing

amounts of MgO or zirconia. Using the Gilman rela-
tion, Equation 1, K

#
is seen to be a function of the

surface and grain-boundary energies for a given ma-
terial. From a consideration of these variables, it is
predicted that an addition of MgO increases K

#
by

increasing the surface energy and/or decreasing the
grain-boundary energy. This occurs as MgO segre-
gates to the grain boundaries of alumina, altering the
grain-boundary structure such that the grain-bound-
ary energy is decreased. In the case of the enhance-
ment of tensile ductility of alumina by zirconia,
another explanation is proposed. Increasing the
amount of zirconia in alumina results in an increase in
the amount of Al2O3—ZrO2 boundaries. It is known
that the grain-boundary energy for the Al2O3—ZrO2
interface is lower than that for the Al2O3—Al2O3 inter-
face [40]. Thus, K

#
is expected to increase with an

addition of zirconia to alumina.
A similar analysis of the tensile ductility reported in

the microcracks growth regime (Regime III) was not
possible due to lack of sufficient fracture strain data in
tension. Limited data do show that the flexure strain
values of the alumina material with 0.3 wt % MgO are
as measured incorrectly by mistake. The correct value of q is 7.
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observed to be higher than the tensile fracture strains F. Wakai, Vol. 7 (Materials Research Society, Pittsburgh, PA,
of the alumina material with 200 p.p.m. MgO, though
the former material has a coarser grain size (Table I).
This discrepancy in ductility may be related to the
addition of MgO which increases the tensile ductility
or to the possibility that the flexure ductility is in-
herently higher than the tensile ductility at a given
flow stress.

4. Conclusions
1. The high-temperature tensile ductility behaviour

of polycrystalline fine-grained alumina can be categor-
ized into four regimes, depending on flow stress: (I)
fast-crack growth regime, (II) single-crack growth re-
gime, (III) microcracks growth regime, and (IV) super-
plastic-crack growth regime.

2. A fracture mechanics model applied to interpret
the tensile ductility of alumina in Regime IV predicts
quantitatively the increase in the true fracture strain
with decreasing stress and with decreasing grain size.

3. The enhancement of tensile ductility in alumina
by dilute MgO addition is attributed to an increase in
the surface energy and/or decrease in the grain-bound-
ary energy.

4. The enhancement of tensile ductility in alumina
by the addition of a second phase of zirconia is
attributed to an increase in the amount of
alumina—zirconia grain boundaries which have a low
grain-boundary energy.
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